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ABSTRACT: The properties of the Li2O2 discharge phase are expected to impact strongly
the performance of Li−air batteries. Although both crystalline Li2O2 (c-Li2O2) and
amorphous Li2O2 (a-Li2O2) have been reported to form in Li−air cells, little is known
regarding possible diﬀerences in charge and mass transport within these phases. To reveal
these diﬀerences, here we predict the properties of a-Li2O2 using ﬁrst-principles “melt-andquench” molecular dynamics and percolation theory. We ﬁnd that the band gaps and
equilibrium electrochemical potentials of c-Li2O2 and a-Li2O2 are similar; nevertheless,
their transport properties are quite diﬀerent. Importantly, the ionic conductivity of a-Li2O2
is predicted to be 2 × 10−7 S/cm, which is 12 orders of magnitude larger than that in the
crystalline phase. This enhancement arises from increases in both the concentration and
mobility of negative lithium vacancies. The electronic conductivity of a-Li2O2 is also
enhanced, but to a much smaller extent (4 orders of magnitude), and remains low overall, 2
× 10−16 S/cm. These data suggest that the formation of amorphous Li2O2 during discharge
may enhance cell performance if charge or mass transport through the discharge product is a rate-limiting process.

■

INTRODUCTION
Although Li-ion batteries are now widely used in portable
electronic devices, emerging technologies such as battery
electric vehicles have accelerated the search for energy storage
devices having much higher energy densities. Often referred to
as “beyond-lithium-ion” technologies, these speculative devices
include reversible metal−air chemistries such as the Li−air
battery,1−6 which exhibits a high theoretical speciﬁc energy
density of 3,505 Wh/kg (including the mass of oxygen).1 The
dominant cathode reaction within a nonaqueous Li−air battery
involves the reversible reaction of lithium with oxygen, yielding
solid lithium peroxide, Li2O2, as the discharge product:7 2Li+ +
O2 + 2e− ⇌ Li2O2.
The properties of Li2O2 have been the subject of extensive
characterization8−12 because they are believed to strongly
impact battery performance. Although electrochemically
formed Li2O2 is often presumed to be crystalline, recent
experiments have suggested the presence of an amorphous
phase following battery discharge.13−16 For example, Jung et al.
identiﬁed amorphous Li2O2 in the discharge product using
selected area electron diﬀraction (SAED);13 more recent X-ray
diﬀraction (XRD) measurements have found evidence for the
formation of “quasi-amorphous” Li2O2 ﬁlms at relatively high
current densities.14 Additionally, certain promoters/catalysts
have also been reported to facilitate the formation of
noncrystalline15 or nanocrystalline16 Li2O2. The formation of
amorphous Li2O2 in Li−air cells should not come as a surprise,
as amorphous solids are often observed during the precipitation
of solids.17,18 This phenomenon has been interpreted on the
basis of Ostwald’s rule, which states that less stable phases tend
to form before more stable phases during precipitation.19
© 2014 American Chemical Society

The aforementioned reports of a-Li2O2 are noteworthy
because the degree of crystallinity of the discharge product
could have important implications for cell performance. In
particular, prior studies have proposed that an amorphous
phase having enhanced transport properties15,16 could make for
a desirable discharge product, given that the low conductivity of
crystalline Li2O2 is expected to limit capacity and/or rate
capability. 20−28 For example, our previous calculations
indicated that the intrinsic conductivity of bulk-like Li2O2 is
low (∼10−19 S/cm).20 Prior density functional theory
calculations predicted that amorphous Li2O2 may be electronically conductive, and a conductive network of amorphous grain
boundaries in the discharge product was suggested to account
for the low overpotentials observed during the cycling of a
novel Li−air cell.16
Taken together, these observations motivate the question:
What are the properties of amorphous Li2O2? We address this
question here using ﬁrst-principles calculations and percolation
theory. A series of amorphous Li2O2 structures were generated
using melt-and-quench ab initio molecular dynamics, and the
defect chemistry of a model at the energetically preferred
density was subsequently characterized. In contrast to earlier
studies,16 we ﬁnd that amorphous Li2O2, like crystalline Li2O2,
is a wide band gap insulator. Nevertheless, amorphous Li2O2
exhibits a substantial increase in the mobility and concentration
of lithium vacancies, resulting in a signiﬁcant increase in the
ionic conductivity. Our model also predicts a more modest but
still appreciable increase in the electronic conductivity. We
Received: March 3, 2014
Revised: April 5, 2014
Published: April 7, 2014
2952

dx.doi.org/10.1021/cm5007372 | Chem. Mater. 2014, 26, 2952−2959

Chemistry of Materials

Article

structures used as starting points for the melt-and-quench procedure
were optimized and, depending on the lattice constants (see below),
the relaxed O−O bond lengths were between 1.56 and 1.58 Å.) This
constraint did not prevent rigid translation or rotation of the dimers
and was released during the ﬁnal annealing stage at T = 300 K.
Constraining the O−O bond length is essential to obtaining an
amorphous phase in which oxygen remains in the desired peroxide-like
charge state of O22−, as discussed in more detail below.
The density of a-Li2O2 was determined by repeating the melt-andquench procedure on ﬁve simulation supercells with diﬀerent densities.
These models were based on a 4 × 4 × 2 supercell of c-Li2O2 with
lattice constants expanded by 0%, 2%, 4%, 7%, and 11%, relative to the
original cell size (a = 12.56 Å, and c = 15.33 Å). The cell shape and
volume were held constant during the MD runs. The resulting a-Li2O2
structures were subsequently optimized (including atom positions, cell
shape, and cell volume) using an energy cutoﬀ of 600 eV at the GGA
level of theory. An additional a-Li2O2 structure was generated for
studying intrinsic defects. This structure had an initial lattice constant
expansion of 2%, which as described below yields a minimum in the
energy−volume curve. This model was prepared using the procedure
outlined above, except that the O−O bond constraints were released
during the ﬁnal two temperature segments of the melt-and-quench
MD. The lattice constants for this model were subsequently optimized
at the HSE level of theory.
Point Defects. The formation energies Ef of point defects and hole
polarons were calculated according to the following equation:20

speculate that the improved transport properties may make aLi2O2 a more desirable discharge product than c-Li2O2, due to
its potential to reduce charging overpotentials and increase
round-trip eﬃciency.14−16

■

COMPUTATIONAL METHODS

First-principles calculations were performed using the generalized
gradient approximation (PBEGGA)29 and the Heyd−Scuseria−
Ernzerhof hybrid functional (HSE)30,31 as implemented in the Vienna
ab initio Simulation Package (VASP).32−35 For our hybrid functional
calculations, we have set the fraction of exact exchange α to be 0.48 as
this value reproduces the band gap predicted by GW calculations on
crystalline Li2O2.20 Defect formation energies obtained with α = 0.25
yielded similar results, as shown in the Supporting Information. All
calculations were spin-polarized and used a planewave cutoﬀ energy of
400 eV, except where otherwise stated. Projector-augmented wave
(PAW) potentials36,37 were employed with valence states of Li and O
being 2s and 2s2p, respectively. For molecular dynamics, a smaller
cutoﬀ (300 eV) and softer version of the PAW potential for O was
used. For structure optimizations, all ions were relaxed to a force
tolerance of 0.02 eV/Å or less in the case of GGA calculations;
optimizations at the hybrid functional level were converged such that
residual forces were less than 0.1 eV/Å. A 256-atom supercell,
corresponding to a 4 × 4 × 2 expansion of the conventional Li2O2
hexagonal unit cell, was used to simulate amorphous Li2O2. The
Brillouin zone was sampled at the Γ-point.
Molecular Dynamics. Melt-and-quench ab initio molecular
dynamics (AIMD)38 using the temperature schedule depicted in
Figure 1 were performed to generate amorphous structures of Li2O2.

Ef (X q) = E0(X q) − E0(pristine) −

∑ niμi + qεF + EMP1
i

(1)

q

where X represents a defect or polaron in the charge state q, E0(Xq)
and E0(pristine) are the internal energies of supercells with or without
defects/polarons, respectively, ni is the number of atoms of species i, μi
is the chemical potential of species i, εF is the Fermi level, and EMP1 is
the Makov−Payne monopole ﬁnite-size correction.41,42 The chemical
potential of oxygen is assumed to be ﬁxed by equilibrium with a
reservoir of gas phase O2 at 300 K and 0.1 MPa, and is calculated using
the following expression:

μO = 1/2G(O2 , 300 K, 0.1 MPa) = 1/2[E0(O2 ) + PV − TS]
(2)
Here E0(O2) is the total internal energy excluding contributions from
translations, rotations, and vibrations; PV = kBT; and S is the
experimental entropy of O2 at 300 K and 0.1 MPa.7 The chemical
potential of Li is ﬁxed by equilibrium with Li2O2:

μLi = 1/2[G(Li 2O2 ) − 2μO]

Figure 1. Temperature proﬁle used for the melt-and-quench AIMD.
The number on each step indicates the temperature used for that
portion of the run. The MD time step is set at 3 fs for 300−1500 K
and at 2 fs for 2000−3000 K.

(3)

For defects in the crystalline (amorphous) phase, G(Li2O2)
corresponds to the free energy of c-Li2O2 (a-Li2O2). For these solid
phases, we take the free energy to be the DFT ground state energy,
G(Li2O2) = E0(Li2O2). To account for the overbinding of the oxygen
molecule,20,43,44 we correct the ground state of O2 using the
experimental formation enthalpy of c-Li2O2.7 This raises the energy
of O2 by 0.78 and 0.58 eV for GGA and HSE, respectively.
To determine the concentrations of point defects, we performed
calculations on several sites in the simulation cell for each type of
defect considered (e.g., VLi−). A total of 11 VLi− sites, (negative lithium
vacancies), 7 p+ sites (hole polarons), and one VO0 site (neutral oxygen
vacancy) were considered. The VLi− sites were chosen to allow for a
contiguous vacancy migration pathway traversing the simulation cell,
while the p+ sites were clustered around (i.e., nearest-neighbor to) a
low-energy site. Aside from these (quasi-arbitrary) considerations, no
other criteria were used to guide the selection of defect sites. In the
case of VO0, we considered only one site because electrically neutral
defects, such as VO0, are not expected to play a major role in charge
transport.
We assume that the distribution of formation energies sampled by
this approach is representative of the distribution for all sites in an
amorphous phase. Thus, we express equilibrium defect concentrations
as follows:

The procedure begins with crystalline Li2O2 at T = 300 K, followed by
stepwise increases in temperature to a maximum of 3000 K. The
temperature is then reduced following a similar schedule, ending at
300 K with an amorphous structure. Each temperature increment was
run for 1.8 ps under isothermal (NVT) conditions using the PBE GGA
functional. The entire procedure consisted of 15 stages with a total
simulation time of 27 ps. An MD step time of 3 fs was used for
temperatures of 300−1500 K and was reduced to 2 fs for the higher
temperature steps (2000−3000 K). The Nosé thermostat39 was
employed with a mass of ∼50 amu·Å2 (SMASS = 0.30).
As Li2O2 has been observed to thermally decompose to Li2O (solid)
+ O2 (gas) in the range of 468−621 K,7,40 it is conceivable that the
melt-and-quench procedure (even with the short simulations times
used here) could yield a mixed valence phase consisting of amorphous
Li2O2, Li2O, and O2 (or LiO2), rather than the desired amorphous
peroxide. In fact, preliminary AIMD runs conﬁrmed that the O−O
bond within the peroxide dimers dissociates at temperatures as low as
900 K. To prevent this, the O−O bond distance was constrained
during the ﬁrst 14 stages in the melt-and-quench procedure. (The
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∑ exp[−Ef (Xiq)/kBT ]

Structural analysis on the low-energy a-Li2O2 model was
performed by calculating the pair correlation function (Figure
2) during the last 1.8 ps of the melt-and-quench procedure (T
= 300 K). The distribution of Li−O nearest-neighbor distances
reaches a maximum at 1.91 Å, followed by a valley at 2.51 Å.
Integrating the area between 0 to 2.51 Å, we arrive at an
average Li−O coordination number (CN) of 5.5. (Since the
number of Li and O atoms is the same, the average
coordination number of Li by O equals the average
coordination number of O by Li.) This value is slightly lower
than the coordination number in crystalline Li2O2 of six,
indicating that some Li and O sites are on average slightly
undercoordinated in the amorphous phase.
Figure 3 compares the density of states for the lowest-energy
amorphous model and crystalline Li2O2 at the HSE level of
theory (α = 0.48). The HSE band gap for our a-Li2O2 model
was calculated to be 7.06 eV, essentially the same as that for cLi2O2. These results diﬀer from those of ref 16, wherein a
model of amorphous Li2O2 was found to be metallic. We
attribute this diﬀerence to the fact that ref 16 did not constrain
O−O bonds during annealing. Consequently, some of the O−
O bonds broke, and a mixed-valence Li2O2/Li2O/LiO2 phase
was formed, presumably containing a mixture of O22−, O2−, and
O2− anions. In contrast, in our model dissociation of oxygen
dimers is prohibited due to constraints applied to the O−O
bond. Consequently, our model represents a true peroxide,
containing only one anionic species, O22−. Recent isotopiclabeling experiments found that more than 98% of the O−O
bonds remain undissociated during a Li-air discharge/charge
cycle,48 suggesting that our choice to constrain the O−O bonds
will yield a model that better represents the Li−air discharge
product. (Additionally, the small portion of oxygen which has
been dissociated may reside in lithium carbonate or other side
reaction products, and not in the peroxide itself.) Also, we note
that the predictions of metallic behavior in ref 16 were based on
PBE GGA calculations, which in some cases erroneously
predict metallic behavior in semiconductors due to the “band
gap problem”.49 For example, our own calculations ﬁnd that the
PBE GGA predicts LiO2 (PNNM space group) to be metallic,
whereas hybrid functional calculations using the HSE functional
predict semiconducting behavior.
Defect Chemistry. In order to estimate the conductivity of
the amorphous phase, we have calculated the formation
energies and migration barriers for several intrinsic defects in
one of our a-Li2O2 models using the HSE hybrid functional, as
discussed in the Computational Methods section. Figure 4
shows the formation energies of hole polarons (p+), negative
lithium vacancies (VLi−), and neutral oxygen vacancies (VO0).
These species represent the dominant positive, negative, and
neutral defects in c-Li2O2.20,23 In the present work, we restrict
our analysis to p+, VLi−, and VO0 because our previous
calculations on crystalline Li2O2 showed that the other defects
generally have much higher formation energies.
Table 2 shows the calculated equilibrium formation energies
for defects in amorphous and crystalline Li2O2. Our crystalline
phase defect formation energies are in good agreement with
those we reported previously, and the small diﬀerences can be
attributed to the larger (256-atom) supercell used in the
present work. The formation energies of the three types of
defects considered are substantially lower in the amorphous
phase than in the crystalline phase. VO0 defects are predicted to
be the lowest energy defect in both amorphous and crystalline
Li2O2. The equilibrium concentration of VO0 in a-Li2O2 is 1 ×

(4)

i

where V is the simulation cell volume, NX is the total number of
available defect sites in the cell, N′X is the number of defect sites
sampled, and the sum runs over all defect sites i of type Xq sampled.
The Fermi level εF is then determined from the charge neutrality
condition:45

∑ qC(X q) = 0

(5)

Xq

Activation energies for vacancy migration and polaron hopping were
calculated using 5 images between defect sites. For vacancy migration,
the images were relaxed using the nudged elastic band (NEB)
method46 for 30 iterations using the PBE GGA level of theory. For this
calculation, the optimized PBE GGA lattice constants and geometries
were used. The use of PBE GGA here is justiﬁed by our previous
calculations on crystalline Li2O2, where we found that PBE GGA and
HSE yielded similar vacancy migration barriers.20 Furthermore, as
shown in the Supporting Information, the relative stabilities of the
vacancy sites in PBE GGA and HSE are in good agreement. For hole
polaron hopping, we performed single-point calculations at the HSE
level of theory on geometries that were linearly interpolated; this is
motivated by our calculations on crystalline Li2O2,20 which showed
that relaxation had little eﬀect on the hole polaron hopping barrier but
that the use of a hybrid functional was necessary.

■

RESULTS AND DISCUSSION
Bulk Properties. The structural and energetic properties of
the ﬁve candidate a-Li2O2 models are summarized in Table 1.
Table 1. Structural Parameters and Relative Energies for
Five Candidate Models for Amorphous Li2O2a
initial increase in lattice
constants

Vi
(Å3)

Vf
(Å3)

ρf
(g/cm3)

ΔE (eV per
Li2O2 f.u.)

0%
2%
4%
7%
11%

2095
2228
2362
2572
2871

2297
2301
2366
2452
2608

2.122
2.119
2.061
1.988
1.870

0.290
0.274
0.301
0.318
0.326

a

Vi refers to the volume of the amorphous cell before melt-and-quench
ab initio MD (MQMD), and Vf refers to the volume after the
completion of MQMD and subsequent relaxations. ΔE is the PBE
GGA energy per formula unit relative to c-Li2O2.

Overall, the total energy does not strongly depend upon the
density: only ∼50 meV per formula unit separates the models
having the highest and lowest densities. The most stable
structure identiﬁed is the one with an initial 2% increase in the
lattice constants. This structure is illustrated in Figure 2, which
shows the random distribution of O−O dimers and Li cations.
The density of this a-Li2O2 model is 2.119 g/cm3, which is 8.9%
less than the calculated density of c-Li2O2. (The density of cLi2O2 is calculated to be 2.327 g/cm3, in good agreement with
the experimental value of 2.371 g/cm3.47) The O−O bond in
the most stable a-Li2O2 model is 1.53 ± 0.02 Å, which is almost
the same as that in c-Li2O2 (1.55 Å).
The energy of this most stable a-Li2O2 model is 0.27 eV per
formula unit higher than that of crystalline Li2O2. This energy
diﬀerence would therefore result in an equilibrium voltage for
a-Li2O2 that is 0.14 V lower than that for c-Li2O27, 2.96 V vs Li/
Li+. Considering that the discharge potentials in most Li−air
cells are typically several tenths of an eV below the equilibrium
potential for c-Li2O2, formation of a-Li2O2 appears to be
thermodynamically plausible.
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Figure 2. Left: the structure of amorphous Li2O2 generated by melt-and-quench ab initio MD. Blue and red spheres represent Li and O atoms,
respectively. Right: pair correlation function for the lowest-energy amorphous Li2O2 structure. Dashed lines mark the interatomic distances in
crystalline Li2O2 at 0 K.

Table 2. Comparison of Formation Energies of Point
Defects and Polarons in a-Li2O2 with Those in c-Li2O2a
defect
type
VLi−

a

formation energy in c-Li2O2
(eV)

p+

1.04 (octahedral) 0.98
(trigonal prismatic)
1.00

VO0

0.78

formation energy in a-Li2O2 (eV)
0.58, 0.63, 0.40, 0.67, 0.67, 0.61,
0.53, 0.35, 0.45, 0.50, 0.61
0.34, 0.58, 0.63, 0.61, 0.51, 0.53,
0.63
0.22

Calculations were performed at the HSE level of theory (α = 0.48).

1019 cm−3, while in c-Li2O2 it is only 5 × 109 cm−3. As
previously mentioned, these defects are electrically neutral and
should not play a signiﬁcant role in charge transport; therefore,
we focus on p+ and VLi− for the remainder of this study.
We ﬁnd the equilibrium concentration of p+ and VLi− in aLi2O2 to be 8 × 1015 cm−3, while in c-Li2O2 it is only 2 × 106
cm−3. This enhancement in the defect concentrations in aLi2O2 suggests that transport properties may diﬀer signiﬁcantly
from the crystalline phase, depending on the defect mobility.
The variation in formation energy across diﬀerent VLi− and p+
sites is about 0.3 eV. This variation presumably arises from
diﬀerences in the local environment of the sites; however, our
analysis of the formation energies of diﬀerent VLi− sites suggests
only a weak connection to coordination number (see Figure S2
in the Supporting Information).
To estimate the conductivity, we have calculated migration
barriers for lithium vacancies and the adiabatic hopping barriers
for hole polarons. The lithium migration barriers were
calculated using the nudged elastic band (NEB) method.46
Our previous calculations on c-Li2O2 revealed that the use of a
hybrid functional had little impact on the VLi− migration
barriers compared to that of semilocal functionals.20 However,
for polaron hopping the use of hybrid functionals was
determined to be necessary. Consistent with these earlier
studies, here we employ the PBE GGA functional to estimate
barriers for vacancy migration and HSE for polaron hopping.
Figure 5 shows the vacancy diﬀusion path considered, which
consists of 10 migrations between 11 adjacent Li sites that
traverse the a-Li2O2 cell. The speciﬁc pathway examined here is
not intended to represent an actual diﬀusion path. Rather, it is
employed to sample the ensemble of possible migration barriers

Figure 3. Density of states for c-Li2O2 and a-Li2O2 calculated by HSE
(α = 0.48). The energy scale is relative to the valence band maximum.

Figure 4. Calculated HSE formation energy of various point defects
and polarons in a-Li2O2 as a function of the Fermi level, relative to the
valence band maximum. A dashed vertical line indicates the Fermi level
position that satisﬁes the charge neutrality condition.
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Figure 5. Left: pathway used to estimate Li vacancy migration rate. Right: energy proﬁle for VLi− migration along that pathway, with energies in eV.
Thick lines show the formation energies for vacancy sites, and thin lines show the transition state energies along migration pathways. The horizontal
dashed line shows the percolation energy. The Li sites are numbered according to the order of their appearance in Table 2.

typical of diﬀusion within an amorphous system. The energy
barriers for these steps are summarized in Table 3. A fairly wide

σ=

Table 3. Migration Barriers between Vacancy Sitesa

a +
Ea

path

E+a /E−a (eV)

path

E+a /E−a (eV)

1−2
2−3
3−4
4−5
5−6

0.13/0.11
0.06/0.26
0.45/0.21
0.08/0.14
0.30/0.31

6−7
7−8
8−9
9−10
10−11

0.00/0.13
0.06/0.18
0.07/0.03
0.09/0.00
0.51/0.30

⎛ Ep ⎞
νe 2
exp⎜ −
⎟
akBT
⎝ kBT ⎠

(6)

Here, ν is the migration attempt rate which we take to be 1013
Hz,22,53 e is the electron charge, and a is the characteristic
distance between defects, which we take to be 3 Å. The energy
scale Ep is set by the bond percolation threshold p; that is, Ep is
the smallest energy such that at least a fraction p of transition
state formation energies are less than Ep:
p=

E−a

and
represent the forward and backward barriers for vacancy
migration, respectively.

∫0

Ep

F(E)dE

(7)

where F(E) is the probability distribution of transition state
energies. Note that although the concentration and mobility do
not appear explicitly in our expression for the conductivity, they
are both accounted for via contributions from formation
energies and migration barriers to the distribution of transition
state energies. To estimate the integral in eq 7 from the
transition state energies obtained from our DFT calculations,
we employ linear interpolation55 to calculate the percentile:

range of migration barriers were found, from 0 to 0.51 eV. The
VLi− migration barriers in c-Li2O2 (0.3−0.4 eV)20 fall within
this range. However, many of the barriers in a-Li2O2 are
signiﬁcantly lower than those in the crystalline phase; as
discussed below, this leads to an enhancement in ionic
conductivity. We found no correlation between migration
barrier height and the migration distances (see Figure S3 in the
Supporting Information).
We would like to relate the microscopic quantities from our
model (formation and migration energies) to macroscopic
quantities (conductivity). Calculating the conductivity of an
amorphous phase is not a straightforward task because diﬀerent
defect sites may have distinct formation energies and migration
barriers.50,51 We derive an estimate of the conductivity of our
model of a-Li2O2 based on the idea of percolation.50 In general,
the conductivity associated with defects is determined by the
sum of the formation and migration energies,52 which we will
refer to as the transition state formation energy, Et = Ef + Ea.
The concentration of defects at the transition state is
determined by Et. Given that we have a distribution of
transition state formation energies (because both Ef and Ea vary
from site-to-site), what is a sensible way to compute the
conductivity? Consistent with experimental observations of
Arrhenius behavior for conductivity in amorphous materials,50
we adopt an Arrhenius type expression for the conductivity,
similar to that of ref 50, with the activation energy given by the
transition state formation energy at which a percolating
network forms:

Ep = Etk + d(Etk + 1 − Etk )

Eit

(8)
th

Here is the energy of the transition state that is the i lowest
in energy. The variables k and d are deﬁned by
p(N + 1) = k + d

(9)

where k is an integer, d is between zero and one, and N is the
number of transition states sampled. We obtain Eit for VLi−
migration by adding the calculated PBE GGA (forward)
migration barriers to the HSE formation energies (see Figures
S7 and S8 in the Supporting Information).
We adopt a percolation threshold of 0.2, which lies between
the thresholds for fcc (p = 0.12) and simple cubic lattices (p =
0.25).54 This is motivated by the fact that the Li−Li
coordination number of 9.1 (based on the integrated pair
distribution function up to the ﬁrst minimum) lies between the
coordination numbers of the fcc and simple cubic lattices, 12
and 6. The resulting percolation energy for VLi− migration, Ep =
0.55 eV, is signiﬁcantly lower than the VLi− transition state
energy for crystalline Li2O2 (1.32 eV),20 suggesting that ionic
conductivity should be greatly enhanced in the amorphous
2956
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Li2O2 (5 × 10−20 S/cm), and signiﬁcantly higher than the outof-plane electronic conductivity of c-Li2O2 (1 × 10−24 S/cm).20
Nevertheless, because the intrinsic conductivity of c-Li2O2 is so
low, the moderate increases exhibited by a-Li2O2 relative to the
crystalline phase do not result in a high electronic conductivity
overall.
Taken together, our calculations suggest that transport within
amorphous Li2O2 can diﬀer signiﬁcantly from that in crystalline
Li2O2: ionic and electronic conductivities are predicted to be
∼12 and ∼4 orders of magnitude higher in a-Li2O2 ,
respectively, than in c-Li2O2. If the electron transfer occurs at
the Li2O2/electrolyte interface (requiring potentially “longrange” transport across the Li2O2 product phase), as has been
suggested by some,28,56,57 then an enhanced electronic
conductivity would be expected to partially mitigate electrical
passivation. However, ionic conductivity would not necessarily
be expected to play an important role because the cathode
material is typically ion-blocking.20,58 However, a high ionic
conductivity could potentially enable other reaction pathways
during recharge, such as the topotactic delithiation of Li2O2 to
form LiO2.59 Li-ion transport would be important if the
topotactic phase transformation initiates at the Li2O2/electrode
interface. In this case, Li-ion transport through the Li2O2 could
be rate limiting, and the enhanced ionic conductivity of the
amorphous phase could improve performance.
While the present study focuses on the crystalline/
amorphous nature of Li2O2, extended defects may also
inﬂuence charge transport properties. For example, prior
studies have suggested that surfaces,24,25 interfaces,26,27,60 and
grain boundaries61 may play a role in the transport within the
Li−air discharge product. Also, some theoretical and
experimental studies have suggested that in thin Li2O2 deposits
(∼5 nm or less), charge transport occurs primarily via electron
tunneling.27,28 Our results are most applicable to thicker
deposits beyond the tunneling regime.

phase. Indeed, using this approach we ﬁnd that the ionic
conductivity for a-Li2O2, 2 × 10−7 S/cm, is 12 orders of
magnitude larger than that predicted for c-Li2O2, 4 × 10−19 S/
cm.20 This increase arises from an increase to both the
concentration and mobility of negative lithium vacancies. We
note that the percolation energy is not greatly aﬀected by the
choice of percolation threshold: thresholds of 0.12 (fcc) and
0.25 (sc) yield VLi− percolation energies of 0.46 and 0.58 eV,
respectively.
For polaron hopping, we calculated the HSE adiabatic
hopping barrier using a chain of linearly interpolated
geometries. Table 4 shows the barriers calculated for p+
Table 4. Hole Polaron Hopping Barriers (Calculated by
HSE) between O2 Dimer Sites Illustrated in Figure 6a
path

E+a /E−a (eV)

path

E+a /E−a (eV)

1−2
1−3
1−4
1−5
1−6
1−7
2−3

0.81/0.57
0.72/0.43
0.80/0.53
0.82/0.65
0.74/0.56
0.66/0.37
0.65/0.59

2−4
2−5
3−5
4−6
4−7
5−7
6−7

0.94/0.90
0.86/0.93
0.64/0.77
0.91/1.00
0.76/0.75
0.80/0.68
0.92/0.81

and E−a are, respectively, the barriers for the forward and backward
directions of hopping. Hopping pairs are denoted by the polaron site
numbers.

a +
Ea

hopping along a number of diﬀerent paths, as shown in Figure
6 (left). Figure 6 (right) shows the energy proﬁle for hopping
along a connected pathway traversing all of the 14 paths
considered. The hopping barriers lie in the range 0.4−1.0 eV,
similar to the barriers of 0.4−0.7 found in c-Li2O2.20 We
observed that the barrier height was only weakly correlated with
hopping distance and the relative orientation between dimers
(see Supporting Information).
Applying the above procedure, we calculate a percolation
energy of Ep = 1.08 eV and conductivity of 2 × 10−16 S/cm for
polaron hopping. (Percolation thresholds of 0.12 and 0.25 yield
similar p+ percolation energies of 1.05 and 1.13 eV.) The
predicted electronic conductivity is 4 orders of magnitude
higher than the predicted in-plane electronic conductivity of c-

■

CONCLUSIONS
Using ﬁrst-principles molecular dynamics, we have developed
an atomic-scale model for amorphous Li2O2. We ﬁnd that the
formation energy of this phase is only slightly smaller (less
negative) than that of crystalline Li2O2, conﬁrming that a-Li2O2

Figure 6. Left: structural arrangement of polarons involved in the representative hopping paths considered. Distances between the centers of O2
pairs are denoted in Å. Right: energy proﬁle along a selected path for polaron hopping calculated with HSE (α = 0.48). Thick lines show the
formation energies for polaron sites, and thin lines show the hopping energies along a representative pathway. The horizontal dashed line shows the
percolation energy. The polaron sites are numbered in the same order as in Table 2.
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can be formed electrochemically at potentials not much lower
than those for c-Li2O2. Our amorphous model exhibits a wide
band gap; nevertheless, our calculations suggest a moderately
high ionic conductivity of 2 × 10−7 S/cm arising from the high
mobility and concentration of lithium vacancies. In comparison,
the electronic conductivity (2 × 10−16 S/cm) is signiﬁcantly
lower than the ionic conductivity but remains slightly higher
than the electronic conductivity of crystalline Li2O2. We
speculate that these enhanced transport properties could
explain the lowered charging overpotentials observed in Li−
air cells containing amorphous discharge products. These
results support the notion that the performance of Li−air cells
will depend upon the properties (degree of crystallinity,
microstructure, particle morphology, etc.) of the primary
discharge phase, Li2O2. We speculate that the round-trip
eﬃciency of Li−air batteries may be improved by biasing the
discharge mechanism to produce a predominantly amorphous
discharge phase.
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