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ABSTRACT: Owing to their high theoretical capacities, batteries
that employ lithium (Li) metal as the negative electrode are
attractive technologies for next-generation energy storage. However, the successful implementation of lithium metal batteries is
limited by several factors, many of which can be traced to an
incomplete understanding of surface phenomena involving the Li
anode. Here, ﬁrst-principles calculations are used to characterize
the native oxide layer on Li, including several properties associated
with the Li/lithium oxide (Li2O) interface. Multiple interface
models are examined; the models account for diﬀering interface
(chemical) terminations and degrees of atomic ordering (i.e.,
crystalline vs amorphous). The interfacial energy, formation energy,
and strain energies are predicted for these models. The amorphous
interface yields the lowest interfacial formation energy, suggesting that it is the most probable model under equilibrium conditions.
The work of adhesion is evaluated for the crystalline interfaces, and it is found that the O-terminated interface exhibits a work of
adhesion more than 30 times larger than that of the Li-terminated model, implying that Li will strongly wet an oxygen-rich Li2O
surface. The electronic structure of the interfaces is characterized using Voronoi charge analysis and shifts in the Li 1s binding
energies. The width of the Li/Li2O interface, as determined by deviations from bulklike charges and binding energies, extends
beyond the region exhibiting interfacial structural distortions. Finally, the transport of Li ions through the amorphous oxide is
quantiﬁed using ab initio molecular dynamics. Facile transport of Li+ through the native oxide is observed. Thus, increasing the
percentage of amorphous Li2O in the solid electrolyte interphase may be beneﬁcial for battery performance. In total, the phenomena
quantiﬁed here will aid in the optimization of batteries that employ high-capacity Li metal anodes.
KEYWORDS: batteries, energy storage, Li-metal anode, oxidation, amorphous interface, diﬀusivity

■

INTRODUCTION
Lithium metal batteries (LMBs) that employ a metallic lithium
(Li) anode are an attractive technology for next-generation
battery architectures. Compared to the current Li-ion
technology, which uses a graphite-based anode, LMBs
theoretically can increase speciﬁc capacities by an order of
magnitude: 370 mAh/g graphite vs 3860 mAh/g Li metal.1
However, the successful implementation of LMBs is limited by
a number of factors, many of which can be traced to an
incomplete understanding of the structure and chemistry of the
Li anode surface.
Reactions between this surface and the adjacent electrolyte
can result in the formation of a solid electrolyte interphase
(SEI). Ideally, SEI formation should be self-limiting, i.e., SEI
growth and electrolyte decomposition will cease once the SEI
reaches a critical thickness. Nevertheless, in LMBs, electrolyte
decomposition can occur continuously with conventional
carbonate solvents, leading to electrolyte depletion.2−6 Even
with solvents more suitable to use in LMBs, such as 1,3dioxolane (DOL), electrolyte decomposition may occur.6
Electrolyte decomposition products, as evidenced by the
© 2020 American Chemical Society

components of the SEI, vary widely based on the composition
of the electrolyte.1
In addition, Li-ion transport through the SEI can be a
concern.7 Eﬃcient battery operation requires that Li ions be
able to migrate across the SEI with limited resistance.
Nonetheless, many SEIs formed in LMBs have low ionic
conductivity.8−11
Finally, during charging, it is known that Li can plate
inhomogeneously on the anode surface. This can lead to the
formation of “dendrites” that short-circuit the cell. An
extensive body of work has attempted to eliminate this failure
mode through the application of various protection strategies.
Typically, these focus on altering the surface of the Li anode so
as to control the structure of the SEI. An incomplete list of
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strategies that have been explored includes the following: use
of two-dimensional membranes,12,13 application of coatings via
atomic layer deposition,14−16 ﬁlm-forming electrolyte additives,9,17 electrode modiﬁcation,18 or through using a solid
electrolyte.19 While these strategies have demonstrated
improved performance of LMBs, to our knowledge, none are
yet capable of enabling a practical, high-capacity, rechargeable
LMB.
As a step toward a viable LMB, the present study aims to
clarify the chemistry and structure of the Li metal surface.
More speciﬁcally, we focus on the properties of its native oxide
layer, Li2O, and on the interface between this oxide and the
underlying Li metal. It is well known that a Li2O native oxide
layer is present on the Li surface, even when Li is fabricated/
handled in an oxygen-poor environment.20 Consequently, Li2O
is typically found as the innermost component of the SEI and
appears to be the one component of the SEI that is universal
across all electrolyte chemistries.
Many studies attribute the cycling behavior of LMBs to the
oxide layer on the Li metal surface.5,17,18,21−23 For example,
Adams et al.17 showed that adding LiNO3 to a DOL/
dimethoxyethane (DME) electrolyte of a Li−S cell led to
improvements in Coulombic eﬃciency and cycle life. This
improved behavior was attributed to the increased presence of
Li2O within the SEI and on the surface of Li metal, which was
suggested to inhibit the decomposition of salt and solvent
species in the electrolyte. Since the Li2O present in the SEI was
suggested to form due to oxidation of Li by the LiNO3
additive, native Li2O may exhibit similar (beneﬁcial) behavior.
Cui and co-workers used cryogenic transmission electron
microscopy (cryo-TEM) to characterize the SEI formed on a
Li metal anode in the presence of carbonate-based electrolytes
that contained either ﬂuoroethylene carbonate (FEC)5 or
LiNO321 additives. When the additives were present, the SEI
exhibited an inner, amorphous polymer layer and an outer,
ordered Li2O layer. In the absence of additives, the SEI
primarily consisted of an amorphous polymer layer, with some
embedded pockets of crystalline Li2O and Li2CO3.
Previous computational studies have developed models for
the Li/Li2O interface. Lepley and Holzwarth created two
crystalline Li/Li2O models and computed the interfacial and
strain energy in both systems.24 Koch et al. conducted a gas
adsorption and surface incorporation simulation on three lowindex Li surfaces with various atmospheric gases, including
O2.25 The structural, electronic, and elastic properties of the
various interfaces were analyzed.
The present study expands upon these investigations by
characterizing several models of the interface between Li metal
and its native oxide in the context of batteries that employ Li
metal anodes. Multiple interface models are constructed,
accounting for diﬀering (chemical) interface terminations and
atomic ordering (crystalline vs amorphous). For all models, the
interfacial energy, formation energy, and strain energies are
computed. The amorphous model displays the lowest
interfacial formation energy, suggesting that it is the most
representative model under standard conditions. The work of
adhesion is evaluated for oxygen-rich (O-terminated) and
stoichiometric (Li-terminated) crystalline interfaces. The
oxygen-rich interface exhibits a work of adhesion more than
30 times larger than the stoichiometric case, implying that Li
will strongly wet a surface with exposed O atoms.
In addition, the electronic structures of the crystalline
interfaces and of the amorphous interface are evaluated with

Voronoi charge analysis and computed shifts in Li 1s core-level
electron binding energies. Considering deviations in atomic
charges and electron binding energies from bulk Li and Li2O,
the width of the Li/Li2O interface is shown to extend beyond
the region near the interface, where the atomic structure
deviates from that in bulk. Finally, the Li+ transport properties
of the amorphous interface model are assessed with ab initio
molecular dynamics (AIMD) simulations at a range of
temperatures. Facile transport of Li+ through the native
oxide is observed. Thus, increasing the proportion of
amorphous Li2O in the SEI may improve Li+ transport.
Taken together, this work clariﬁes the structural, transport, and
mechanical properties of the Li metal/native oxide interface at
the atomic scale.
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■

METHODOLOGY
All calculations were performed using density functional theory
(DFT), as implemented in the Vienna Ab initio Simulation
Package (VASP).26−29 The exchange−correlation energy was
described using the functional of Perdew, Burke, and Ernzerhof
(PBE),30 and the projector-augmented wave method was used
to describe interactions between core and valence electrons.31,32 A 440 eV plane-wave energy cutoﬀ was used and
the force minimization criterion was set at 0.04 eV/Å. The kpoint mesh was speciﬁed as 2 × 2 × 1 for total energy
calculations and 6 × 6 × 1 for core-level binding energy shift
(CLS) calculations.
Crystalline Interfaces. A crystalline interface of the Li/
Li2O interface was constructed using the lowest energy Li2O
surface (111), as determined in a previous study.33 The Li
surface interfaced with Li2O was selected as the (111) facet,
since this surface results in the lowest interfacial strain with
Li2O(111) among the low-index surfaces of Li [(100), (110),
and (111)], and the surface energy diﬀerences between these
facets are relatively small.34 For the Li2O slab, both a Literminated and an O-terminated slab were investigated. The
former slab maintains the stoichiometry of bulk Li2O, while the
latter has an excess of oxygen (oxygen-rich). In both cases, the
Li/Li2O interface was constructed by straining a 3 × 3
Li2O(111) supercell by 1.12% to match a 2 × 2 Li(111)
supercell. The interface supercell consisted of two equivalent
interfaces having dimensions of 9.73 Å × 9.73 Å. In the
oxygen-rich model, a stacking fault was created in the bulk
region of Li2O to create two, symmetry-equivalent interfaces.
The stacking fault energy was removed (via subtraction) when
evaluating the thermodynamic properties of this interface.
The relaxed interfacial structure was determined by
minimizing the total energy with respect to rigid translations
in all three directions. This was achieved by ﬁrst calculating the
γ surface; speciﬁcally, the Li2O slab was rigidly translated in
directions parallel to the interface so as to map the energy as a
function of translation. Then, using the lowest energy structure
on the γ surface as the starting conﬁguration, the universal
binding energy (UBER)35−38 curve was calculated by
incrementally modifying the distance between the two slabs
in the direction perpendicular to the interface. Finally,
adopting the lowest energy structure from the UBER as
input, the entire interface cell was then relaxed by allowing
modiﬁcations to both the atom positions and the lattice
parameters. The resulting fully relaxed structure was
subsequently used for computing thermodynamic properties.
Three interfacial properties were evaluated for the various
models of the Li/Li2O interface: the interface formation
46016
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energy, EF, the interfacial energy, γ, and the interfacial strain
energy, ζ. EF describes the energy required (on a per atom
basis) to form the Li/Li2O interface, including strain eﬀects,
relative to unstrained bulk Li and Li2O. Interfaces that
minimize EF are the most probable under equilibrium
conditions. The interfacial energy, γ, diﬀers from the formation
energy in that γ omits strain contributions. γ is a measure of
the relative bonding strength at an interface: γ values less than
(greater than) zero imply that interfacial bonds are on average
stronger (weaker) than in the separate interfacial components.
Finally, the strain energy, ζ, is the energy needed to deform
one or both of the interfacial components into registry at the
interface.
For the stoichiometric interface, the formation energy of the
Li/Li2O interface (per atom), EF, is given by39

these chemical potentials corresponding to two extremes,
representing two distinct equilibrium conditions. In the ﬁrst
Li(BCC)
2O
case, μLi
). In the second
Li is set to its value in bulk Li (μLi
Li2O
case, μO
is set to its value in oxygen gas (μOO2(g)).
Substituting eq 5 for the last two terms in eq 4 gives
2O
Equilibrium condition 1: μLi
= μLi(BCC)
Li
Li

EF
= E Li/Li 2O − nLiLi(BCC)μLiLi(BCC) − n Li 2OE Li 2O
N

EF
= E Li/Li 2O − nLiLi(BCC)μLiLi(BCC) − nLiLi 2OμLiLi(BCC)
N
− nO(E Li 2O − 2μLiLi(BCC))

Equilibrium condition 2:

(1)

where ELi/Li2O is the energy of the relaxed interface cell,
is the number of Li atoms in the Li slab, μLi(BCC)
is the
Li
chemical potential of Li in bulk Li metal, nLi2O is the number of
formula units of Li2O in the Li2O slab, ELi2O is the bulk energy
of one formula unit of Li2O, and N is the total number of
atoms in the interface cell. The interfacial energy, γ, was then
determined using the method described by Wolverton and coworkers.39 Based on this method, the interfacial energy for the
stoichiometric system was computed as

Wad = σLi + σLi 2O − γLi/Li O
2

(2)

1
(E F − 2Aγ )
N

(3)

For the interface involving the nonstoichiometric oxygenrich Li2O slab, the ratio of Li to O atoms in the Li2O slab is not
equal to 2:1; hence, the equation for the formation energy
includes the chemical potentials of oxygen and lithium40
EF
= E Li/Li 2O − nLiLi(BCC)μLiLi(BCC) − nLiLi 2OμLiLi 2O − nOμOLi 2O
N
(4)
2O
nLi
Li

2O
μLi
Li

where
is the number of Li atoms in the Li2O slab,
is
the chemical potential of Li in bulk Li2O, nO is the number of
2O
oxygen atoms in the Li2O slab, and μLi
is the chemical
O
potential of oxygen in bulk Li2O. In eq 4, there are two
Li2O
2O
unknown terms, μLi
Li and μO . However, these two terms can
be related through the energy of a formula unit of bulk Li2O as
E Li 2O = μOLi 2O + 2μLiLi 2O
Li O
μLi2

(7)

(8)

where σLi and σLi2O are the surface energies of Li and Li2O, and
γLi/Li2O is the energy of the interface formed when Li and Li2O
are in contact with one another. The work of adhesion was
computed for both interface terminations as the energy
diﬀerence between conﬁgurations in which the two slabs
were roughly 10 Å apart (σLi + σLi2O) and when they were in
contact (γLi/Li2O). The conﬁguration used to calculate γLi/Li2O
was taken to be the one which minimized the energy due to
translation in all three spatial directions. Equation 8 was used
to obtain both the unrelaxed (all atoms ﬁxed) and relaxed work
of adhesion.
Amorphous Interface. An amorphous model of the Li2O/
Li interface was created starting from the same 2 × 2 Li(111)
slab as used in the crystalline interface. Then, using a
procedure similar to that used to generate an amorphous
oxidized layer on TiN(100),41 several O2 molecules were
sequentially added (at rest) 3.0 Å above the Li(111) surface at
the same position in the simulation cell. The system was
evolved using 4 ps of AIMD in the canonical (NVT) ensemble
at 300 K following the addition of each O2 molecule. The
bottom three Li layers of the Li slab were ﬁxed at their bulk
positions. A time step of 1 fs was used and a Nosé thermostat42
was employed with a mass of ∼50 amu·Å2 (SMASS = 0.30). In
total, 11 O2 molecules were added, amounting to a surface
coverage of roughly two monolayers of crystalline Li2O.
Between the addition of six and seven O2 molecules, ﬁve
additional Li layers were added to the bottom half of the Li
slab to allow for more O2 molecules to be added to the top half
of the simulation cell, while maintaining a Li metal substrate.
Following the incorporation of the ﬁnal O2 molecule, an
additional 10 ps AIMD simulation at 300 K was performed.

where ELi2O(c) is the energy of a formula unit of bulk Li2O in
which the a and b lattice vectors (which are parallel to the
interface plane) have been strained to match their values in the
interface cell. In this case, only the c lattice vector,
corresponding to the direction normal to the interface, is
relaxed. 2A is the interfacial area. Note that in our calculations
the Li2O slab has been strained to match the lattice parameters
of the Li slab. Therefore, the Li slab does not experience strain.
The strain energy (per atom), ζ , can be calculated as the
diﬀerence of the formation and interfacial energies39
ζ=

=

(6)

μOO2(g)

Subsequently, the interfacial and strain energies for the
oxygen-rich interface were determined using an approach
identical to that used for the stoichiometric interface. As
mentioned above, a stacking fault was introduced in the
oxygen-rich model to create two identical interfaces; the
energy contribution of this stacking fault was removed from
the energy of the fully relaxed cell by comparing with the bulk
energy of Li2O.
Work of Adhesion. The work of adhesion, Wad, was
computed using36

E Li/Li 2O − nLiLi(BCC)μLiLi(BCC) − n Li 2OE Li 2O(c)
2A

2O
μLi
O

EF
= E Li/Li 2O − nLiLi(BCC)μLiLi(BCC) − nLiLi 2O
N
1
ij 1
y
jj E Li 2O − μOO2(g)zzz − nOμOO2(g)
2
2
k
{

nLi(BCC)
Li

γ=
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(5)
Li O
μO 2

Thus, only one of
and
is an independent variable.
We computed the formation energy by specifying the values of
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This was followed by a 4 ps annealing run at 600 K and a 4 ps
cooling run again at 300 K.
Charge Analysis. Charge analysis was performed following
the incorporation of each O2 molecule into the Li surface (and
the subsequent 4 ps AIMD simulation) for the amorphous
interface and on the relaxed, crystalline systems. Charge
transfer was analyzed using the Voronoi charge partitioning
scheme.43−46 In comparison to Bader charge partitioning,
which divides charges based on minima in the charge density
proﬁle, Voronoi partitioning assigns charges based on geometrical considerations (Voronoi polyhedra). This choice was
made because a Bader analysis assigned very large Bader
volumes to Li atoms near the surface, resulting in unphysical
charges on these atoms.
Core-Level Binding Energy Shifts. Shifts in the Li 1s
core-level electron binding energies were calculated using the
ﬁnal state approach.47,48 This analysis, which can be compared
to the binding energy of an electron obtained from X-ray
photoelectron spectroscopy (XPS) measurements, enables one
to distinguish between diﬀerent electronic environments
experienced by individual Li atoms (i.e., Li 1s electrons in Li
metal vs Li 1s electrons in Li2O). This allows one to
diﬀerentiate between oxide, metallic, and transition regions
within the models, which, in turn, govern the properties of the
interface.
In the ﬁnal state approach, one electron is excited from the
core to the valence band; the energy diﬀerence between the
excited state and the ground state is used to obtain the
electron’s binding energy47
BEiFS = E(ni − 1) − E(ni)

Figure 1. Comparison between the computed Li 1s core-level binding
energy shift (vertical axis) and the experimental binding energy shift
(horizontal axis) for several Li-based compounds. All shifts are relative
to Li2CO3. The dashed line represents perfect agreement between
computation and experiment. Error bars depict the standard deviation
of the experimental data. Individual experimental data points are given
by open circles, and average values are indicated by closed
circles.64−83

theory and experiment. As such, this approach is expected to
reliably predict experimental core-level shifts across the diverse
Li-containing systems considered in this study. Calculations
were performed for each amorphous model geometry (i.e.,
following the incorporation of each O2 molecule) and in the
crystalline systems.
Li-Ion Diﬀusivities. The diﬀusivities of Li ions were
computed from three sets of 40 ps AIMD simulations in the
canonical ensemble. This analysis was performed on the
amorphous model with the thickest oxide layer at T = 900,
1000, 1100, and 1200 K. These high temperatures were
required to achieve suﬃcient sampling of the long-range
diﬀusion of Li+. The time step was set to be no greater than 3
fs. The mean-squared displacement (MSD) of Li ions was
calculated (with the exception of the bottom three Li layers,
which were ﬁxed at their bulk positions) following the
procedure outlined by He et al.50 In this procedure, the
MSD is computed with respect to δt, where δt is a time
window that is shifted across the entire simulation time. For
example, for δt = 1 ps, the MSD would be the average squared
displacement of all Li ions in the time intervals 0−1, 1−2, ...,
39−40 ps. Therefore, over the course of a 40 ps simulation,
several time intervals are sampled, with a larger number of
samples included as δt is reduced. This procedure results in an
improved estimate of the MSD compared to the traditional
procedure (where only a single time interval is used).
For each 40 ps simulation, the slope of the MSD curve in the
diﬀusional displacement regime was used to calculate the
diﬀusion coeﬃcient using the Einstein relation50

(9)

where E(ni − 1) is the energy of the system in the excited state
and E(ni) is the energy of the system in the ground state. In the
ﬁnal state approximation, the valence electrons are allowed to
relax in the excited state conﬁguration, which results in a
screening of the core hole. It is well known that the calculation
of absolute binding energies is problematic for ground-state
techniques such as DFT.48 Nevertheless, shifts in the core-level
binding energies (CLSs) are typically reliable and can be
expressed as47
ECLS = BE − BEref
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(10)

ref

Here, BE and BE are the electron binding energies as
computed with eq 9 for the atom of interest and for a reference
atom, respectively. To validate this approach, the Li 1s CLSs of
various bulk materials containing Li were computed using the
ﬁnal state approach and compared to experiments (Figure 1).
The experimental data set was chosen to match that presented
in the work by Wood and Teeter,49 which demonstrated a
rigorous approach for identifying various Li-containing phases
using XPS measurements. In line with that study, a minimum
of seven experimental measurements from multiple sources
were used for each material; the error bar in Figure 1
corresponds to the standard deviation of the data. The binding
energies were all referenced to Li2CO3 since that material had
the least amount of deviation in the experimental measurements. As shown in the ﬁgure, the computed values are in
reasonable agreement with the experimental data. Only the
computed value for LiOH falls outside of the range of the
experimental data and does so by a small amount, ∼0.3 eV.
Further, the current study only considers the CLSs for Li and
Li2O, for which there is excellent agreement between the

D=

MSD(δt )
+ Doffset
2dδt

(11)

where d is the dimensionality of the system (d = 3) and Doffset
is the y-intercept. This relation only holds for the diﬀusional
displacement regime, where a linear relationship between δt
and MSD is observed. The linear regime used for determining
the diﬀusion coeﬃcient was taken to be 1 ps < δt < 10 ps.
Below this interval, the MSD curve was nonlinear; above this
interval, the deviation in the computed diﬀusion coeﬃcients
was large due to insuﬃcient sampling. The diﬀusion
coeﬃcients were used to generate an Arrhenius plot from
46018
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which the activation energy for Li-ion diﬀusion was
determined.

mol and interfacial energies range from −1.11 to −6.44 J/m2
for the oxygen-rich model. These values are 3.76 kJ/mol and
0.730 J/m2, respectively, for the stoichiometric model. Both
formation and interfacial energies are negative in the oxygenrich model, which shows that the Li/Li2O interface is lower in
energy than an equivalent amount of (isolated) bulk Li and
Li2O. This behavior implies the presence of strong interfacial
bonding for this termination.
Lepley and Holzwarth also assessed interfacial thermodynamics for two crystalline Li/Li2O interfaces with DFT.24 The
authors obtained interfacial energies of 0.417 and 0.481 J/m2
for Li(110)/Li2O(110) and Li/Li2O(110), respectively. In the
latter system, the Li layer consisted of an orthorhombic
structure matched to the Li positions in Li2O. These values
more closely match the interfacial energy in the stoichiometric
model than in the oxygen-rich model. This similarity may be
due to the fact that both the stoichiometric model and
Li2O(110) include lithium atoms in the outermost layer.
Because the models examined by Lepley and Holzwarth
employed diﬀerent surface facets and exchange−correlation
functional (local-density approximation (LDA) instead of the
generalized gradient approximation (GGA)), quantitative
diﬀerences with our results are expected.
Additionally, in all crystalline interfaces, the contribution
from coherency strain energy (i.e., the strain required to match
the surface lattice constants at the interface) is small (Table 1).
For the stoichiometric system, the calculated strain of 0.097
kJ/mol is 2.6% of the formation energy. For the oxygen-rich
system, the strain energy is 0.176 kJ/mol, which is between 0.5
and 3.0% of the formation energy, depending on the
equilibrium condition adopted (discussed below). For
comparison, another DFT study by Liu et al.34 reported that
strain energy contributions to the formation energies for Li/
LiF and Li/Li2CO3 interfaces ranged from 0.2 to 11.7%. Thus,
the computed values for the Li/Li2O interfaces examined here
fall within the lower end of this range.
Figure 3 plots the interfacial energies of the crystalline
interface models as a function of oxygen chemical potential.
Here, the x-axis represents the change in the chemical potential
of oxygen, ΔμO, with respect to that of oxygen gas, O2. The
lower and upper bounds represent equilibrium conditions 1
and 2 (eqs 6 and 7), respectively. Figure 3 shows that the
oxygen-rich system is always lower in energy than the
stoichiometric system. This behavior can be attributed to a
strong interaction between the O-terminated, oxygen-rich Li2O
surface slab, and the Li metal slab. The preference for an Oterminated interface at metal/oxide junctions has been
observed in previous DFT studies. For example, Zhang and
Smith found that in the Nb/Al2O3 system an O-terminated
interface was preferred over an Al-terminated alternative over
the majority of oxygen chemical potentials considered.40 In

■

RESULTS AND DISCUSSION
The structures of the various Li/Li2O interface models
constructed in this work (both crystalline and amorphous)
are depicted in Figure 2. As expected, the amorphous model,

Figure 2. Structures of the unrelaxed stoichiometric, the relaxed
stoichiometric, the relaxed oxygen-rich, and the oxidized lithium slab
(11 O2 atoms incorporated) interfaces. Li and O atoms are colored
blue and red, respectively.

identiﬁed as the “oxidized Li slab” in Figure 2, exhibits a more
disordered structure than does the other two models. The
more ordered appearance of the crystalline interfaces results
from the fact that these systems were constructed by
interfacing two crystalline slabs. Additional details regarding
the various models are described below.
Crystalline Interface. Two models for the crystalline Li/
Li2O interface were examined: one with a stoichiometric Li2O
surface and the other with an oxygen-rich Li2O surface. Using
eqs 1−7, the formation, interfacial, and strain energies were
computed for both models; these data are summarized in
Table 1. Independent of the equilibrium conditions, the
oxygen-rich interfacial termination exhibits more favorable
formation and interfacial energies relative to the stoichiometric
interface. Formation energies range from −5.81 to −34.7 kJ/

Research Article

Table 1. Calculated Properties for Li/Li2O Interfacesa
model

EF (kJ/mol)

γ (J/m2)

ζ (kJ/mol)

unrelaxed Wad (J/m2)

relaxed Wad (J/m2)

contact angle (deg)

stoichiometric
O-rich (Li eqm.)
O-rich (O eqm.)
amorphous (Li eqm.)
amorphous (O eqm.)

3.76
−5.81
−34.7
−18.1
−46.3

0.730
−1.11
−6.44
−3.03
−7.71

0.097
0.176
0.176

0.08
4.28
4.28

0.18
6.69
6.69

132
∼0
∼0

EF is the formation energy, γ is the interfacial energy, ζ is the strain energy, Wad is the work of adhesion, Li eqm. represents equilibrium condition
Li O
Li O
O (g)
), and O eqm. represents equilibrium condition 2 (μO2 = μO2 ).
1 (μLi2 = μLi(BCC)
Li

a
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respectively). The reason for this appears to be twofold. First,
as discussed above, the O-terminated surface interacts very
strongly with the Li metal surface, decreasing the value of
γLi/Li2O in eq 8. Second, the O-rich Li2O(111) surface is higher
in energy than the stoichiometric Li2O(111) surface by
roughly 1.0 J/m2,33 increasing the value of σLi2O in eq 8.
Based on these results, Li is predicted to strongly wet a surface
with exposed O atoms, resulting in a contact angle approaching
0° for the O-rich surface as compared to 132° for the
stoichiometric (Li-terminated) surface.
Charge transfer between the Li and O atoms in the
crystalline interface models was analyzed using Voronoi charge
partitioning. The Voronoi charges as a function of position
normal to the interface are displayed in Figure 4c,d. In the
Li2O portions of the simulation cells, just under 0.3e− are
transferred from each Li atom to the O atoms, resulting in
charges of −0.6 on the oxygens. The systems are roughly
charge neutral in the Li metal region of the cells. In both
models, the width of the Li/Li2O interface, as determined by
deviations in the charge state of Li atoms from bulk Li and
Li2O, diﬀers from the width of the interfacial region as
determined by a visual depiction of the atomic structures
(Figure 4a,b). Whereas the atomic structures show an abrupt
interface with no overlap of Li and Li2O regions, based on the
charge state of Li atoms, the interfaces extend up to ∼3 Å into
the Li metal regions.
Figure 4e,f shows the computed shifts in core-level 1s
electron binding energies. (Binding energy shifts yield greater
accuracy than absolute binding energies; hence, shifts relative
to the binding energy in bulk Li were evaluated.) The Li2O

Figure 3. Interfacial energies for Li/Li2O crystalline interfaces with
oxygen-rich (red, dashed line) and stoichiometric (black, solid line)
Li2O surfaces. The x-axis is the change in oxygen chemical potential
with respect to its value in O2 gas. The x-axis range (−6.00 eV) is set
by the DFT-computed formation energy of bulk Li2O; its lower
2O
= μLi(BCC)
) and its
bound represents equilibrium condition 1 (μLi
Li
Li
2O
= μOO2(g)).
upper bound represents equilibrium condition 2 (μLi
O

addition, our prior study of the Li/Li3OCl interface also
observed that O-termination resulted in a lower energy
interface compared to a Cl termination.51
Table 1 also reports the calculated work of adhesion, Wad,
for the crystalline interfaces in both unrelaxed (as calculated by
the UBER)35−38 and relaxed geometries. The stoichiometric
interface exhibits moderate adhesion with unrelaxed and
relaxed values of 0.08 and 0.18 J/m2, respectively; these
energies are comparable to those of the LiF and Li2CO3
interfaces in the study of Liu et al. (relaxed energies ranging
from 0.065 to 0.167 J/m2).34 On the other hand, the oxygenrich interface is very strongly adhered, with values more than
30 times larger than those obtained for the stoichiometric
interface (unrelaxed and relaxed values of 4.28 and 6.69 J/m2,

Figure 4. (a) Stoichiometric and (b) oxygen-rich crystalline interface models and corresponding (c, d) Voronoi charges and (e, f) computed shifts
in core-level electron binding energies for Li 1s electrons. The charges on Li and O atoms are displayed as black circles and red squares,
respectively. Binding energy shifts are displayed with respect to the Li 1s level in bulk Li metal.
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Figure 5. (a) Snapshots displaying the progression of O2 incorporation into the Li slab (circled numbers give the amount of O2 molecules
incorporated into the slab), (b) simulation time required before each O2 molecule is dissociated on the Li surface, and (c) adsorption energy
progression with O2 incorporation. Note: the Li slab is enlarged to include ﬁve additional Li layers between the incorporation of six and seven O2
molecules.

contracts as the number of incorporated O2 molecules
increases. This behavior is expected since Li2O is denser
than Li.
Figure 5b shows that the dissociation time for O2 roughly
increases with increasing oxidation. With increased oxidation,
less Li atoms are available at the surface to facilitate the
dissociation process. Figure 5c displays the incremental
adsorption energy for each O2 molecule, deﬁned as the energy
diﬀerence between the current geometry and that of the
previous geometry plus an isolated O2 molecule. The
adsorption energy is roughly constant during the oxidation
progression, oscillating around a value of about −15 eV/
molecule, showing that the thermodynamic preference for O2
incorporation does not change with increasing oxidation.
Table 1 displays the formation and interfacial energies of the
amorphous interface with the thickest oxide layer (22 O
atoms). These energies take into account the presence of two
vacuum−slab interfaces in the simulation cell by subtracting
the surface energies of Li(111) and Li2O(111) from eqs 2 and
4. The energies in Table 1 are reported for the same set of
equilibrium conditions shown for the crystalline interfaces (eqs
6 and 7). Both the formation and interfacial energies of the
amorphous interface are lower (i.e., more negative) than those
of the crystalline interfaces, signifying that it is the most
probable interfacial model.
The pair distribution function (PDF) was computed for the
resulting amorphous interface model (containing 11 incorporated O2 molecules) to analyze its atomic structure (Figure 6).
Atoms in the Li metal region of the slab (i.e., where the bottom
three Li layers were ﬁxed at their bulk positions) were removed
from the slab for this analysis. In addition, the density used in
the PDF normalization for the amorphous Li2O structure was
assumed to be decreased by 3.3% relative to the density for
crystalline Li2O as found in our previous work on amorphous
Li2O2.52 For comparison, the PDF was also computed for
crystalline Li2O at 300 K. These data show that the nearest
neighbor Li−O bond distances in the amorphous model
roughly align with those in crystalline Li2O. However,

portions of the interfaces exhibit shifts that are approximately
1.6−2.0 eV larger than those in the Li metal region. This is
expected since Li 1s electrons in Li2O are more localized than
in Li metal, thereby requiring more energy to excite. This eﬀect
can be traced to reduced electrostatic repulsion from the Li 2s
electrons, which have been transferred to oxygen. Experimentally, the core electron binding energy in Li2O is about 2.0
eV higher than in Li metal (Figure 1). Considering the
experimental standard deviation in these values (>1 eV in Li
metal and Li2O), there is good agreement between the
computation and experiment. As with charge transfer, the
width of the Li/Li2O interfacial regions as determined by CLSs
is larger than the width of the interfaces based on the atomic
structure. Based on the CLSs, the width of the interfaces is
roughly 6−9 Å. Consequently, the electronic structure of Li
atoms near the interfaces is modiﬁed over longer distances
than is suggested by the interface structures alone.
Whereas the trends in interfacial charge transfer are similar
between the stoichiometric and oxygen-rich interfaces, some
diﬀerences exist regarding the CLSs for Li. In the oxygen-rich
interface, interfacial O atoms interact strongly with some Li
atoms in the Li metal region, causing these Li atoms to ﬁll the
vacant sites at the interface that would be occupied by Li in
stoichiometric Li2O. A sharp increase is observed in the corelevel binding energy for Li at this location, suggesting that
these Li atoms exhibit electronic structures that are similar to
that of Li in bulk Li2O.
Amorphous Interface. As described above, the amorphous Li/Li2O interface was constructed by sequential
deposition and incorporation of O2 molecules on/within a Li
surface. All O2 molecules incorporated into the Li slab
underwent dissociation; the time for this dissociation to
occur varied as the oxidation progressed. Figure 5a,b shows the
amount of simulation time required for each molecule to
dissociate during O2 incorporation. Starting with Figure 5a, it
is clear that O atoms readily diﬀuse into the slab as oxidation
proceeds. Newly added O2 molecules drive existing oxygen
atoms deeper into the slab. Furthermore, the amorphous slab
46021
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disordered materials. A similar analysis was conducted for
O−O pairs, and a similar trend was observed.
Figure 7c,d shows the Voronoi charges as a function of
oxidation (i.e., number of O2 molecules added) in the
amorphous interface system. Prior to the addition of O2,
Figure 7c, the charges on the Li slab are roughly zero, in
agreement with what is expected for a metallic system. At the
completion of the oxidation process, Figure 7d, Li atoms in the
portion of the slab exposed to oxygen (right side of the plot)
transfer charge to the incorporated O atoms at an amount
equivalent to the charge transferred in the crystalline interface
in Figure 4 (+0.3 and −0.6 on Li and O atoms, respectively). A
transition in the charge state of Li atoms is observed across the
region to which O atoms have penetrated. Similar to the
crystalline interfaces, the width of this region is ∼3 Å, and it
remains constant as the thickness of the oxide layer increases.
As a result, the addition of O2 molecules (from the standpoint
of charge analysis) increases the thickness of the Li2O layer
and not the thickness of the Li/Li2O interface. A charge
analysis is particularly useful for the amorphous system since it
is diﬃcult to discern the extent of the Li/Li2O interfacial
region from the atomic structure alone (Figure 5a). Of note, in
the ﬁnal oxidized conﬁguration (Figure 7d), the two O atoms
positioned at the surface (likely the most recently incorporated

Figure 6. Pair distribution function for Li−O distances in the
amorphous interface model (solid line) and in crystalline Li2O
(dashed line).

diﬀerences exist in the coordination environment. Integrating
the curves in Figure 6 up to the ﬁrst minimum (∼2.4 Å), the
average coordination number of Li by O atoms in amorphous
and crystalline Li2O are 6 and 8, respectively. Additionally, the
second-nearest neighbor bond distance distribution in the
amorphous system is much broader and centered 0.3 Å farther
than for the equivalent peak in crystalline Li2O. This suggests
that a similar short-range order exists in both amorphous and
crystalline Li2O, whereas the longer range order is less
pronounced in the amorphous model, as expected for

Figure 7. Atomic structures of the amorphous interface model for (a) 0 and (b) 11 O2 molecules incorporated. The corresponding Voronoi
charges for (c) 0 and (d) 11 O2 molecules incorporated. The charges on Li and O atoms are displayed as black circles and red squares, respectively.
Computed shifts in the core-level electron binding energies of Li 1s electrons for (e) 0 and (f) 11 O2 molecules incorporated. Binding energies are
displayed with respect to the Li 1s level in bulk Li metal. The vacuum region used in each simulation cell is denoted on each end of the interface in
both models. The gray-shaded box represents the region of the slab to which O2 molecules are introduced.
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O2 molecule) have each attracted less than the expected 0.6
electrons from the surrounding Li. This ﬁnding is in line with
the increased time for O2 dissociation as oxidation progresses
(Figure 5c). As the slab becomes more heavily oxidized, the
most recently incorporated O2 molecules must drive existing
O2 molecules deeper into the slab to attract electrons from
nearby Li atoms and dissociate.
Figure 7e,f shows the CLSs in the amorphous interface
model. With 0 O2 molecules incorporated (Figure 7e), the
electron binding energies in the bulk region of the cell show
very good agreement with those of bulk Li metal. Following O2
incorporation, Figure 7f, the binding energies increase in the
portion of the slab exposed to the O2 molecules. Additionally,
the CLSs for some Li atoms shift toward lower binding
energies in the bulk portion of the slab. This result reﬂects a
localized ﬂuctuation in electronic energies resulting from the
displacement of Li atoms away from their equilibrium
positions in Li metal. As with the crystalline interfaces, the
width of the Li/Li2O interface is considerably larger using
CLSs as a metric as compared to charge analysis. Nonetheless,
in the amorphous model, there is a larger deviation in the CLS
values from bulk Li metal and Li2O, and a clear delineation of
Li metal and Li2O regions of the model is more diﬃcult to
identify. This ﬁnding is likely due to two factors. First, the
overall thickness of the amorphous model (∼14 Å) is less than
that of the crystalline interfaces (∼21−24 Å). Second, there are
two free surfaces in the amorphous model simulation cell, and
there is a signiﬁcant surface core-level shift in Li metal (∼1
eV), which decreases the portion of the slab displaying bulk Li
metal behavior (Figure 7e).
To allow for eﬃcient battery cycling, Li ions must be able to
migrate through phases present on the surface of the Li anode
with relatively little resistance. To quantify Li-ion transport
within the amorphous Li2O region of the Li/Li2O interface,
the diﬀusivity of Li+ was evaluated at several temperatures
using AIMD. Figure 8 shows the mean-squared displacement
(MSD) of Li atoms and an Arrhenius plot of the resulting
diﬀusivities. Each point in the Arrhenius plot represents the
average diﬀusivity extracted from three independent AIMD
simulations at each temperature; error bars represent the
standard deviation in the data.
Figure 8a shows that at shorter times (δt < 0.02 ps) the
MSD is proportional to δt2, consistent with expected shortrange vibrational motion (i.e., ballistic transport). At longer
times (δt > 1 ps), the MSD is proportional to δt, indicating the
presence of long-range diﬀusional displacements. Importantly,
the calculated Li-ion diﬀusivities in the amorphous Li2O region
of the interface are roughly 3 orders of magnitude larger than
those reported in crystalline Li2O in prior experimental53,54
and computational55 studies. This behavior mimics the
ﬁndings of other studies that reported enhanced ionic
transport in the amorphous analogues of crystalline materials,
such as Li2O252 and Li3PS4.56 Such behavior in disordered
materials is often attributed to shallower corrugations of the
potential energy surface traversed by migrating ions.57
Furthermore, the enhanced Li-ion diﬀusivities observed here
suggest a potential role for the Li/Li2O interface in promoting
Li-ion transport. A recent experimental study of Li transport in
thin Li2O ﬁlms grown on Li metal also observed Li-ion
diﬀusivities that were several orders of magnitude larger than in
bulk Li2O pellets.58
Figure 8b shows that the calculated diﬀusivity data are well
ﬁt by an Arrhenius relationship. From the slope of the ﬁtted
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Figure 8. (a) Mean-squared displacement of Li atoms in the
amorphous model with 11 O2 molecules incorporated at 900, 1000,
1100, and 1200 K shown as the black, blue, orange, and purple curves,
respectively. The dashed lines designate the limiting behavior at short
and long times (i.e., proportionality with respect to δt2 and δt). (b)
Arrhenius plot of Li-ion diﬀusivities at each temperature as
determined from the diﬀusional displacement regime.

trendline, the activation energy for Li-ion diﬀusion, Ea, was
calculated to be 0.41 eV. For an SEI to be useful, it must allow
for facile Li-ion transport through its thickness. Materials in the
literature that are considered to be fast Li-ion conductors
generally exhibit activation energies in the range 0.11−0.39
eV.59−62 Taken together, the relatively low activation energy
and the high diﬀusivity reported here for Li-ion migration in
amorphous Li2O may explain why a functional SEI exists in Liion batteries.
As previously mentioned, Li2O is commonly observed as a
component in the inner regions of the SEI; moreover, the
inner region of the SEI is generally considered to be
amorphous.58,63 However, the degree of crystallinity exhibited
by this phase can vary.5,21 Cryo-TEM on the SEI has shown
evidence for the presence of crystalline Li2O,5,21 which has
been proposed to be important for the mechanical durability of
the SEI. Nonetheless, based on the current study, the transport
of Li+ within the SEI is predicted to improve in the presence of
amorphous Li2O. Hence, increasing the percentage of
amorphous Li2O (relative to crystalline Li2O) within the SEI
may be desirable.

■

CONCLUSIONS
Li metal anodes have received a great deal of attention for use
in next-generation batteries. A key challenge preventing the
implementation of Li metal anodes is the function of the SEI.
The SEI should prevent continuous electrochemical reaction
with the electrolyte, allow for rapid Li+ transport, and suppress
dendrite formation. Although the overall composition of the
SEI will vary with the electrolyte composition, the native oxide
layer, Li2O, is a common SEI component that is expected to
constitute the innermost SEI layer in virtually any battery
employing a Li metal anode. Many experimental studies have
attributed important cycling behavior of LMBs to the presence
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and properties of Li2O. However, studies that directly probe
these properties, and those of the Li/Li2O interface, are rare.
Here, several interface models for the native oxide layer on
Li metal were developed. Subsequently, the properties of the Li
metal/lithium oxide interface were analyzed in the context of
LMBs. These models account for diﬀering (chemical)
terminations and degrees of atomic ordering (i.e., crystalline
vs amorphous). For each model, the interfacial energy,
formation energy, and strain energies were computed. The
amorphous interface exhibits the lowest interfacial formation
energy, signifying that it is the most probable model. The work
of adhesion was computed for two crystalline interfaces with
oxygen-rich (O-terminated) and stoichiometric (Li-terminated) structures in Li2O. The oxygen-rich model displayed
a work of adhesion more than 30 times larger than the
stoichiometric model, implying that Li will strongly wet a
surface with exposed O atoms.
The electronic structures of the crystalline and amorphous
models were characterized with Voronoi charge analysis and
shifts in Li 1s core-level electron binding energies. In both
analyses, the width of the Li/Li2O interface was predicted to be
larger than the width of the interface as determined by a
depiction of the atomic structure. Lastly, an analysis of the Li+
diﬀusion in the amorphous model using AIMD showed that
the native oxide layer allows for Li-ion transport at a rate that is
3 orders of magnitude faster than in crystalline Li2O. Hence, by
increasing the percentage of amorphous Li2O in the SEI it may
be possible to improve battery performance. In total, the
present analysis of the structural, transport, and mechanical
properties of the native oxide layer on Li will assist in the
optimization of batteries that employ high-capacity Li metal
anodes.
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